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Introduction
Characterising high temperature austenitic microstructures is important to gain insights into the hot deformation behaviour of conventional steels processed above their face-centred-cubic (fcc) ↔ body-centred-cubic (bcc) allotropic transformation temperatures. However, in most cases the direct observation of the fcc austenite formed at high temperatures is very difficult; as bcc products (such as ferrite, pearlite, bainite and/or martensite) resulting from fcc decomposition/transformation develop upon subsequent cooling and eliminate/conceal the prior austenite microstructure. In addition, the room temperature micro-texture of remnant austenite (if any) may not contain all the orientations that existed in the bulk texture of the fully austenitic microstructure at high temperatures; as the latter tends to be affected by preferential phase transformation during cooling.
To overcome these difficulties, model alloys comprising stable, single phase, fcc austenite (such as 304 and 316L stainless steels and Ni-30Fe) are typically used to characterise deformation behaviour at high temperatures [1] [2] [3] . In this regard, 304 SS and 316L stainless steels are the less preferred alternative on account of their low stacking fault energy (SFE = 21-23 mJ/m 2 [4, 5] )
which results in stacking faults and/or deformation twinning upon deformation at ~700-800 C [6] .
On the other hand, the SFE of Ni-30Fe (50-60 mJ/m 2 [7] ) is closer to that of C-Mn steel [8] .
Consequently, this model alloy does not form stacking faults or deformation twins over the 700-900 °C temperature range [3] and develops a crystallographic texture that is similar to the hot deformation of conventional low carbon, high-strength-low-alloy or micro-alloyed steels.
During hot deformation, two processes are concurrent namely, work hardening and work softening. The first is associated with the generation of new dislocations and results in an increase in the accumulated strain. The second is linked to a rearrangement of the dislocation substructure and results in a reduction in dislocation density and stored energy. Work softening takes place during either: (i) the discontinuous dynamic recrystallisation (DRX) of low to medium SFE materials; where new dislocation-free grains nucleate from deformed grains and subsequently grow or, (ii) the continuous dynamic recrystallisation (also known as dynamic recovery) of high SFE materials; where new grains appear by subgrain formation and growth [9, 10] . Here the SFE level influences the motion of dislocations and thus the softening phenomena such that dislocation climb and cross-slip are widely prevalent in high SFE materials but are extremely limited in low SFE materials [11] .
During DRX the high strain incompatibilities across original grain boundaries and the local accumulation of high dislocation densities near them leads to corrugated or serrated boundaries [12] . New grains nucleate when the protuberance of serrated boundaries is accompanied by a rotation of a bulged portion [1, [13] [14] [15] [16] [17] or by twinning at the back of a bulged segment [15] .
Although the nucleation mechanism during DRX is quite clear, microstructure evolution during DRX is disputed. Roberts et al. [18] suggests that DRX is initially manifested by a necklace of new grains at original grain boundaries. After these nucleation sites are fully occupied, DRX progresses sequentially via continuous nucleation at and along the more recently created interfaces between recrystallised grains and the deformed matrix. On the other hand, while Ponge and Gottstein [19] agree with the creation of an initial necklace of grains, they argue that subsequent DRX occurs via irregular nucleation and growth events.
Texture evolution in the deformed matrix of Ni-30Fe-Nb-C subjected to hot plane strain compression between 700-900 °C at 1 s -1 strain rate is characterised by orientations along the α-fibre (extending from the Goss (G, {110}〈001〉) to the Brass (B, {110}〈112〉) orientations [20] [21] [22] ) and β-fibre (extending from the Cu ({112}〈111〉) to the B through the S ({123}〈634〉) orientations [23, 24] ) along with weak Cube (C, {100}〈001〉) orientations [25] . These orientations and fibres are retained in the DRX texture with increasing strain (up to ε = 1 at 900 °C, 1 s -1 strain rate [25] ) or at higher strain rates (ε = 0.6 at 950 °C, 10 s -1 strain rate [26] ). While the overall DRX texture intensity is significantly weaker than the deformed matrix, the C orientations are relatively stronger than the other orientations.
Wusatowska-Sarnek et al. [15] and Hasegawa et al. [27] also observed a weakening of the DRX texture during the hot compression of copper and argued that the texture was increasingly "randomised" with the progress of DRX. Hasegawa et al. [27] ascribed this phenomenon to the high frequency of annealing twins. Contrarily, Guria et al. [28] reported a strong cube DRX texture in 316 stainless steel subjected to plane strain compression at 950-1100 °C and attributed this to multiple annealing twins and grain rotation during deformation.
Recently, the authors reported the effect of thermo-mechanical processing (TMP) parameters (temperature and strain rate) on the DRX behaviour of Ni-Fe-Nb-C model alloys subjected to plane strain compression up to ε = 1.2 [29] . In the current work, electron backscattering diffraction (EBSD) and transmission electron microscopy (TEM) are used to track the evolution of microstructure and micro-texture during DRX of a Ni-Fe-Nb-C model alloy subjected to plane strain compression at 1075 °C.
Experimental and analytical procedure
A model alloy with nominal composition 69.7Ni-29.8Fe-0.33Nb-0.04C wt.% was cast at
McMaster University, Canada [7] as a 45 kg ingot, reheated to 1250 °C for 24 hours to break down the as-cast structure and then hot rolled in 6 passes from 60 mm to 30 mm. to the ND such that the samples extended along the RD and were constrained along the TD. It follows that the rolling convention is used throughout the text.
A schematic of the TMP schedule is shown in Fig. 1a . In order to track the evolution of microstructure and micro-texture during DRX, six samples were used. Each sample was re-heated to 1250 °C at 5 °Cs -1 and held for 300 s to dissolve any NbC precipitates followed by an εrough = 0.3 roughing reduction at 0.1 s -1 strain rate at the same temperature in order to reduce the initial grain size. The first sample was cooled to 1075 °C at 3 °Cs -1 and immediately water quenched.
Throughout the text, this particular sample is denoted by a true strain (ε) = 0 and is referred to as the initial sample. Following this, the remaining samples were subsequently deformed to ε = 0.23, 0.35, 0.68, 0.85 and 1.2 at 0.1 s -1 strain rate followed by water quenching at each strain level.
For EBSD measurements, the samples were sectioned in two halves along the RD-ND plane (Fig. 1b) , mechanically polished up to 2000 grit and then electropolished at room temperature on a Struers Lectropol-5 using an electrolyte of 73% methanol + 10% butoxyethanol + 9% distilled water + 8% perchloric acid operating at 17 V, ~0.52-0.56 mA for 180 s.
Due to the variation in through thickness strain associated with friction and material flow during TMP, extreme care was taken to obtain EBSD maps from the middle area of each sample.
EBSD was conducted on a JEOL-JSM7001F field emission gun-scanning electron microscope equipped with a Nordlys-II(S) camera and the Oxford Instruments AZtec acquisition software suite operating at 15 kV, ∼5 nA and 15 mm working distance. Depending on the deformation strain, step sizes of 1 μm (ε = 0.23, 0.35, 0.68 and 0.85) and 0.5 μm (ε = 1.2) were used. Due to the coarse grain size at ε = 0, an additional map was acquired with a step size of 10 µm in order to obtain statistically representative texture information.
The initial post-processing of all EBSD maps was undertaken using Oxford Instruments
Channel-5 software. Map artefacts were removed by constantly maintaining a minimum spatial resolution of three times the step size. In all EBSD maps, subgrain/grain structures are defined by misorientations (θ) ≥ 2°. Consequently, low angle grain boundaries (LAGBs) are defined as having 2° ≤ θ < 15° misorientations whereas the total high angle grain boundaries (THAGBs) comprise high angle boundaries (HAGBs) (15° ≤ θ ≤ 57.5°) and twin boundaries (TBs). First order annealing TBs are defined as Σ3 = 60° 〈111〉 while second order twins are defined by Σ9 = 38.9°
〈110〉. The maximum tolerance of the misorientation angle (Δθ) from the exact axis-angle relationship was identified by the Palumbo-Aust criterion (i.e. Δθ ≤ 15° Σ −5/6 ) [30] yielding a tolerance limit of 6° for Σ3 and 2.4° for Σ9, respectively. The orientation distribution functions (ODFs) (ϕ2 = 0°, 45° and 65° sections) are depicted using Bunge's notation after exporting EBSD data to JTex [31] .
Similar to previous studies [32] [33] [34] [35] , a grain orientation spread (GOS) criterion was applied to segment the partially recrystallised EBSD maps into dynamically recrystallised and unrecrystallised fractions. The GOS criterion is a long range measure of variations in internal misorientation and is defined as the average misorientation of all pixel pairs within a (sub)grain [32] . Here (sub)grains with a GOS ≤ 2° are classified as dynamically recrystallised whereas (sub)grains with GOS > 2° are considered to be unrecrystallised. While the recrystallised fraction strictly comprises a set of grains that are recrystallised at any given strain, the unrecrystallised fraction is a complex mixture of originally deformed, recovered and secondary deformed grains. It follows that the sub-fractions of unrecrystallised grains changes with increasing strain. Segmenting these unrecrystallised sub-fractions requires tracking the same set of grains throughout the strain range. Thus, such segmentation was not possible in the present study; as different samples were used for each strain level.
The intragranular local misorientation was computed for the whole map as well as individual recrystallised and unrecrystallised fractions. This is defined as the mean misorientation between a central pixel and its surrounding pixels in a 3×3 matrix of immediate neighbours [36] .
Misorientations greater than 2° were not considered in order to exclude (sub)grain boundaries. The relative frequency of the intragranular local misorientation distribution was fitted to a log-normal probability distribution function:
where, w and are the width and median of the L-N distribution of . The associated mean (θm) and standard deviation (μθ) were determined as follows:
For TEM analysis, 0.3 mm thick slices were cut from the middle of the TD-ND plane ( curve exhibits a broad stress peak and continuous softening up to ε = 1.2 without reaching the steady state condition that is typically associated with DRX [12, 14, 37, 38] . Similarly broad stress peaks have been previously observed in Ni-30Fe and Ni-30Fe-Nb-C subjected to hot plane strain compression [25] . The absence of the steady state condition can be ascribed to the relatively coarse initial grain size (181±110 µm without considering twins as boundaries). This is in contrast to our previous DRX work [29] on the same alloy with a smaller initial grain size (114±40 µm); where the steady state condition was reached under similar hot deformation conditions. The above is in agreement with Fernández et al. [39] who reported that smaller initial grain sizes promote DRX and assist in reaching the steady state condition earlier during hot deformation. Fig. 2a can also be used to estimate the evolution of DRX fraction as a function of true strain. TableCurve-2D software was used to initially fit the flow curve, following which the critical (εc), peak (εp) and maximum softening (εm) strains were obtained from the fitted first and second derivatives [29] . These values were used to calculate the DRX fraction via the following Avramitype equation [40] :
Results and discussion
The DRX fractions from Eq. (4) and EBSD -based segmentation are shown in Fig. 2b . The disparity between the two results is discussed in more detail in Section 3.1 given below. (Figs. 4 a, c, e, g, i) and unrecrystallised (Figs. 4 b, d, f, h, j) fractions.
Microstructure evolution with dynamic recrystallisation
The ε = 0 initial microstructure is characterised by nearly equiaxed grains (when twin boundaries are not considered as grain boundaries) with uniform orientation contrast, a high fraction of Σ3 (Fig. 3a) and a small fraction of Σ9 (not shown in Fig. 3a) annealing twin boundaries. The initial grain size with and without considering twin boundaries as grain boundaries is ∼90±75 and ∼181±110 μm, respectively. The high fractions of annealing twin boundaries return peaks at 60°
(Σ3) and 38.9° (Σ9) of the misorientation distribution histogram (Figs. 5a) and constitute ∼41% and 6.3% of the grain boundary area fraction, respectively (Fig. 5b) . The low fraction of Σ9 could be ascribed to the limited impingement of Σ3 boundaries as the former is formed by the twin reaction:
Σ3 + Σ3 = Σ9 [41] . With the onset of deformation at ε = 0.23, a reduction in the HAGB, THAGB, Σ3 and Σ9 fractions is seen; following which they all exhibit a gradual increase at higher strains (Fig. 5b) .
The overall refining effect of DRX on the microstructure is apparent in Fig. 5c ; where the initial grain size of ∼90±75 μm (considering twins as boundaries) at ε = 0 drastically reduces to an average recrystallised grain size of ~13±10 μm between ε = 0.23 and 1.2.
The large disparity between the recrystallised fractions estimated from Eq. (4) and EBSDbased segmentation (Figs. 2b and Figs. 4a, 4c , 4e, 4g, 4i) can be linked to the differences in their underlying assumptions. Eq. (4) overestimates the dynamically recrystallised fraction as it cumulatively calculates the DRX fraction and does not account for secondary deformation with increasing strain. On the other hand, the GOS threshold criterion returns an apparent underestimate as it strictly accounts for the recrystallised grains at any given strain (Figs. 4a, 4c, 4e, 4g, 4i ).
Consequently, grains that nucleated at lower strains and/or underwent secondary deformation at higher strains are not part of the recrystallised fraction (Figs. 4b, 4d, 4f, 4h, 4j ). It follows that the estimates obtained from the two methods cannot be expected to match each other and as such,
should not be compared at all.
The intragranular local misorientation is analogous to the geometrically necessary dislocation (GND) density such that local areas of large intragranular misorientations correspond to higher densities of GNDs and allude to strain heterogeneity [33, 36] . The intragranular local misorientation maps are presented in Figs. 6a-6e with the frequency distribution (θlocal) and mean intragranular local misorientation (θm) shown in Figs. 7a and 7b, respectively for all strain levels.
At ε = 0.23, higher intragranular local misorientations are mostly concentrated along the grain boundaries (Fig. 6a) . Such local misorientation gradients at grain boundaries create differential pressure across them; resulting in corrugation or serration and bulge formation. The bulging phenomenon is in line with the nucleation and growth of DRX grains by the strain-induced boundary migration (SIBM) mechanism proposed by Beck and Sperry [42] based on optical microscopy and later confirmed by Bailey and Hirsch via TEM [43] . While the unrecrystallised grains are being progressively consumed by the recrystallised grains (Figs. 6b-6d) , the former also acquire higher intragranular local misorientations up to ε = 0.85 (Fig. 7) . This is manifested as a shift in the relative frequency distribution and its mean (θm) towards higher intragranular local misorientation values along with larger standard deviations.
At ε = 1.2, the microstructure comprises a large fraction of recrystallised grains ( Fig. 4i) with the unrecrystallised fraction mostly comprising secondary deformed grains and a few remnant original grains (Fig. 4j) . Correspondingly, Fig. 6e records lower intragranular local misorientations compared to ε = 0.85 (Fig. 6d) . This is also reflected as a shift in the relative frequency distribution and its mean (θm) to lower intragranular local misorientation values (Fig. 7 ).
Since step sizes of 1µm (for ε = 0, 0.23, 0.35, 0.68 and 0.85) and 0.5 µm (for ε = 1.2) were used for EBSD mapping and we imposed a minimum spatial resolution of three times the step size, the smallest quantifiable microstructural feature is either 3 or 1.5 µm, respectively. Since the above step/feature sizes may be too large to elucidate some microstructural aspects, TEM was employed to help delineate smaller substructures and early nucleation events.
Representative bright-field images of substructure development with increasing strain are shown in Fig. 8 . The few scattered dislocations observed within grain interiors (Fig. 8a ) at ε = 0 are replaced by dislocation accumulation at boundaries and tangled arrays of dislocations within grain interiors (Figs. 8b-8e ), the formation of dislocation cell structures (Figs. 8d-8e) followed by cell block subdivision into dense dislocation walls, the formation of subgrains and the progressive rotation of their boundaries from low-angle to high-angle character (Figs. 8d-8f) . Interestingly, the substructures at ε = 1.2 ( Fig. 8f) are somewhat similar to that at ε = 0.23 ( Fig. 8b ) with dislocation pile-ups at grain boundaries and dislocation walls/subgrains associated with substructure development of secondary deformed recrystallised grains. Again, all of the above aspects are characteristic of SIBM [43] .
The details inferred from intragranular local misorientation maps can be compared with TEM observations. In Fig. 9 , magnified views of selected regions of interest from the intragranular local misorientation maps ( Representative bright-field images of early nucleation events are shown in Figs. 10 and 11.
As mentioned above, nucleation is preceded by the bulging of original grain boundaries. Bulging is typically accompanied by the formation of dislocation networks, dislocation cells or sub-boundaries and/or annealing twin boundaries.
In the present polycrystalline Ni-30Fe-Nb-C, nucleation was found either at original boundaries or within original grain interiors. As seen in Figs. 10a-10c, nucleation at original boundaries occurred via sub-boundary completion such that annealing twins did not always form behind the bulge. This is different from the findings of Miura et al. [44] on copper bi-crystals subjected to tensile loading at 650 C at strain rate 4.2×10 -4 s -1 . They reported nucleation via bulging and the predominant formation of annealing twin (Σ3) boundaries behind the bulges. The bulging of original grain boundaries is said to be accompanied by the formation of twin boundaries at low strain rate and/or high temperature or sub-boundaries at high strain rate and/or lower temperatures [12, 45] . In this study, bulged boundaries expand via sub-boundary as well as twin formation as plane strain compression was undertaken at a moderate temperature and strain rate (1075 °C, 0.1 s -1 ).
At low strains, nucleation also occurred within unrecrystallised grain interiors at original twin boundaries. An example of this is given at ε = 0.23 in Figs. 10d-10f . The selected area diffraction pattern (Fig. 10e) (Fig. 10f) .
At high strains, isolated nucleation events were also observed within grain interiors (Fig.   11 ). Examples of this are given at ε = 0.68 (Fig. 11a) and 0.85 (Fig. 11b) and bright-field images (Figs. 11f and 11g ).
The leftmost, second and third arrows in Fig. 11a provide examples of dynamically recrystallised nuclei forming by subgrain rotation; whereby low-angle subgrain boundaries absorb dislocations originating at subgrain interiors and gradually evolve into high-angle boundaries. These three nuclei display an intermediate stage of development compared to the rightmost nuclei; such that the former are partially surrounded by high-angle boundaries whereas the latter is completely enclosed by high-angle boundaries. The boundary of the nucleus demarcated by the rightmost white arrow in Fig. 11a exhibits a misorientation angle/axis with the unrecrystallised matrix of ~38°-41° 〈221〉 (Fig. 11c) whereas the boundaries of the left and right nuclei in Fig. 11b exhibit ~39°-45° 〈332〉 (Fig. 11d ) and ~30°-34° 〈221〉 (Fig. 11e) , respectively. The above spread of misorientation angles/axes is close to the commonly reported 30°-40° 〈111〉 relationship that favours the growth of cube -oriented grains during static recrystallisation [46] .
From the current observations, the nucleation and growth of recrystallised grains evolve by both, the successive development of necklace -type layers and irregular, isolated nucleation events occurring within the grain interior. The latter was previously observed during the hot compression of 304 stainless steel [1] .
Micro-texture evolution with dynamic recrystallisation
The ideal orientations of texture components in fcc materials are represented schematically for the ϕ2 = 0°, 45° and 65° ODF sections in Fig. 12 and listed in Table 1 .
Due to the coarse grain size at ε = 0, the ODF shown in Fig. 13 The initial texture at ε = 0 mainly comprises C-RD ({013}〈100〉) and weak spread between the C-ND ({001}〈310〉) and C orientations (Fig. 13a) . In addition to the former orientations, the texture of the full map at ε = 0.23 and 0.35 also comprises B and Cu orientations and an intensity spread near Rt-G as seen in Figs. 14a and 14b , respectively. At ε ≥ 0.68, the C orientation becomes dominant and intensifies with increasing strain. This is accompanied by weaker intensities along the α-fibre and the Cu and ~S orientations (Figs. 14c-14e ).
The unrecrystallised texture at ε = 0.23 returns intensity spreads along Φ near the B and Cu orientations and an intensity split around Rt-G (Fig. 15a) . At ε = 0.35, increasing deformation lead to stronger intensities along the α-fibre accompanied by orientation splitting at ~ ϕ1 = 45°, Φ = 45°, ϕ2 = 0° (Fig. 15b) . At ε ⩾ 0.68, the orientations of the unrecrystallised textures (Figs. 15c-15e) mirror those of the full map (Figs. 14c-14e ) with a dominant and intensifying C orientation along with weaker intensities for the α-fibre and the Cu and ~S orientations.
From the onset of strain, the recrystallised texture shows a continuous strengthening of the C orientation such that it dominates the final DRX texture at ε = 1.2 (Fig. 16) . A weak intensity spread is also seen along the α-fibre and near the ~S and CT orientations (Figs. 16c-16e ).
While the above results contradict reports of a weak C oriented DRX texture during the hot plane strain compression of Ni-30Fe alloy [47] [48] [49] , they are in agreement with Guria et al [28] who also observed a pronounced C oriented DRX texture after the plane strain compression of 316 stainless steel.
In order to investigate the weak spread near CT orientation for ε ≥ 0.68, the recrystallised grains were sub-divided into two subsets on the basis of their orientation into C and non-C oriented grains with a deviation of 15° from their ideal positions. Fig. 5d shows a clear preference for Σ3 boundary formation in non-C oriented grains; which in turn explains that despite the dominance of C orientations, the intensity of the CT orientation remains low (Figs. 16c-16e ). In the case of plane strain compression, the C orientation possesses the lowest Taylor factor (or low stored energies) when calculated using octahedral slip systems for fcc materials [24] . This underlying causative could be behind the present proliferation of C oriented grains; such that one of the explanations related to C texture evolution during the static recrystallisation of medium to high SFE fcc materials might also be applicable to DRX. Ridha and Hutchinson [50] pointed out that C oriented grains deformed by plane strain compression were more susceptible to recovery since their active slip systems had orthogonal and thus elastically non-interacting, Burgers vectors [51] ; as a result of which they exhibit low stored energy. Consequently, the dominance of recrystallised C orientations can be ascribed to the overall stability of the secondary deformed C oriented grains and their low stored energies.
Conclusions
Microstructure and micro-texture evolution during the dynamic recrystallisation of a Ni30Fe-Nb-C model alloy when subjected to plane strain compression at 1075 °C up to ε = can be ascribed to its low stored energy and its orientation stability during secondary deformation. 
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